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In situ annealing experiments in the transmission electron microscope have been used to 
investigate the thermal stability and precipitation behaviour of non-equilibrium phases 
in vapour-quenched AI -Ni ,  AI-Cu and AI-Fe alloys prepared by co-sputtering. The 
non-equilibrium phases exhibit surprisingly high thermal stability and the general nature 
of precipitation is different from that in liquid-quenched or conventional alloys. These 
phenomena are caused by the very small as-quenched grain size. 

1. Introduction 
In a recent paper [1], we describe an investigation 
into the non-equilibrium phases formed in vapour- 
quenched Al-Ni, A1-Cu and Al-Fe alloys pre- 
pared by co-sputtering. The results may be sum- 
marized briefly as follows: 

(1)In co-sputtered films ~ 1000 to 2000A 
thick the alloys are polycrystalline with an equi- 
axed grain size of ~ 50 A. 

(2) At compositions of 0 to 20.9 at.% Ni, 0 
to 28.5 at.% Cu and 0 to 12.9 at.% Fe, the vapour- 
quenched alloys form highly supersaturated solid 
solutions of fc  c (Al). 

(3) In alloys with more than 12.9at.%Fe the 
vapour-quenched phases are identical to those 
formed under equilibrium conditions. 

(4) Between 42.5 to 78.8at.%Ni and 47.6 to 
60.0 at.%Cu, vapour-quenched AI-Ni and AI-Cu 
have a non-equilibrium disordered b c c structure. 

(5) At compositions between the fc  c solubility 
limit and the onset of the disordered b c c phase, 
vapour-quenched A1-Ni and Al-Cu have an 
anomalous structure which could be either a 
strongly textured single f c c  phase, or an f c c /  
amorphous phase mixture. 
The objective of the present work was to investi- 
gate the formation of equilibrium phases from 
vapour-quenched AI-Ni, A1-Cu and Al-Fe 
alloys, by means of in situ heating experiments 
in a transmission electron microscope. 
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2. Experimental technique 
Alloys of a variety of compositions were deposited 
by co-sputtering from 99.999% pure sectored 
sheets of the constituent elements, in an r.f. 
getter-sputtering unit [2, 3] (Fig. 1). Details of 
the sputtering apparatus and operating procedure 
have been described previously [ 1]. The sputtering 
gas was 99.9% pure argon which was further puri- 
fied by a getter in the sputtering chamber. During 
deposition, the gas pressure was ~ 10 -2 Torr, the 
r.f. power was 0.5 to 1.0 kW, and the axial mag- 
netic field was 20 to 30 Oe. Alloys were deposited 
at ~ 2A sec -1 onto 1 mm thick cteaved slices of 
NaC1 single crystal, bonded onto 1.5 mm thick 
copper sheet which was cooled directly with 
liquid nitrogen and rotated at ~ 60rpm during 
deposition. The alloy films prepared in this way 
were typically 2000 to 3000 A thick. 

Deposited films were removed from the sub- 
strate by dissolving the NaC1 in water, and were 
examined in an AEI EM6G transmission etectron 
microscope. Specimens were heat-treated directly 
in the microscope using a specimen stage which 
was heated by passing an electric current through 
a stainless steel support grid. This method pro- 
duced some thermal gradients, particularly through 
the specimen thickness. Temperatures were 
measured by calibration against the melting points 
of several pure metals, but this was not very 
accurate because of variations in specimen thermal 
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Figure I Grain growth in vapour-quenched AI-11.3 at.%Ni: (a) and (b) as-deposited showing supersaturated fcc 
grains ~ 50 A in size; (c) and (d) after 3 min at 300 ~ C showing supersaturated fc c grains ~ 200 A in size. 

mass, the presence of thermal gradients, and the 
effects of electron beam heating. Each film was 
step-annealed for 10 rain at each temperature, the 
temperature increasing successively by increments 
of 50 K until precipitation of equilibrium phases 
was observed. Film compositions were measured 
on specially prepared 1 to 2/~m thick films by 
X-ray microanalysis using an ORTEC analyser 
attached to a Cambridge Stereoscan 2 A scanning 
electron microscope, at an accelerating voltage of 
5 kV. Details of the analysis procedure have been 
described previously [1]. 

3. Results 
Table I shows the compositions of alloys investi- 
gated by in situ heating in the electron nficro- 
scope. For each composition, the table lists the 
vapour-quenched and equilibrium phases, the 
melting point, and the lowest temperature for 
which precipitation was initiated with 10rain. 

Precipitation from a supersaturated f c c  (A1) 
solid solution was always preceded by a period 
of grain growth in which the as-quenched grain 
size of ~ 5 0 A  increased to ~ 2 0 0 A .  Figure 1 
shows an example of grain growth in an alloy of 
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Figure 2 Precipitation of  equilibrium phases from supersaturated f c  c alloys: (a) and (b) AI-11 .3  at.% Ni after 10 min at 
300~ showing 2000 to 3000A particles of  NiA13 in  an f c  c (A1) matrix; (c) and (d) A1-20.5 at.%Cu after 2 min at 
350 ~ C showing 300 to 600 A particles of  CuA12 in an f c  c (A1) matrix; (e) and (f) AI -7 .7  at.% Fe after 3 min at 500 ~ C 
showing 200 to 300 A particles of  FeA13 in an f c  c (A1) matrix. 

1068 



T A B L E I Precipitation data for vapour-quenched A1-Ni, A1-Cu and A1-Fe 

Alloy Composition Vapour-quenched Equilibirum phases 
(at.% Ni, Cu or Fe) phases 

Precipitation 
temperature 
Tp( ~ C) 

A1-Ni 11.3 fcc  (A1) 
20.9 f c c (A1) 
25.0 anomalous f c c 
29.2 anomalous f c c 
39.5 anomalous f c c 
42.5 disordered b c c 
55.2 disordered b c c 
72.4 disordered b c c 
78.8 disordered b c c 
83.8 fcc  fNi) 

A1-Cu 20.5 f cc  (A1) 

A1-Fe 7.7 f c c (A1) 
12.9 f c c (A1) 

f c c (A1) + orthorhombic (NiA13) 300 
fc c (A1) + orthorhombic (NiA13) 400 
orthorhombic (NiA13) 300 
orthorhombic (NiA13) + ordered b c c (Ni2A13) 450 
ordered b c c (Ni2A13) 300 
ordered b c c (Ni2A13) + ordered b c c (NiA1) 300 
ordered b c c (NiA1) 350 
ordered b c c (NiA1) + ordered fc c (Ni3A1) 300 
ordered fcc  (Ni3A1) + fcc  (Ni) 800 
ordered f c c (Ni3A1) + f c c (Ni) 500 

fc c (A1) + tetragonal (CuA12) 350 

fc c (A1) + monoclinic (FeAI3) 500 
fc c (A1) + monoclinic (FeA13) 550 

AI -11 .3  at.% Ni. Electron diffraction patterns 

showed that  the alloys retained their  supersaturated 
f c c  structure during this process. Variations in 
intensity of  f c c  diffraction rings indicated that  
deposit ion textures were removed during grain 
growth. The supersaturated A 1 - F e  alloys were 
more resistant to grain growth than were A1-Ni  

or A1-Cu alloys. In both  A1-Ni  and A1-Fe ,  the 
temperature required to initiate grain growth 
increased with increasing supersaturation. Fur ther  
heat t reatment  at the same temperature led to 

precipi tat ion of  NiA13, CuA12 or FeA13 particles 
of  ~ 5 0 0 A  diameter,  followed by continued 
particle growth to sizes o f  2000 to 3000 A (Fig. 
2). 

The precipi tat ion behaviour ofvapour-quenched 
A1-25 at .%Ni was markedly different from that  
of  the other alloys investigated. In all other  alloys, 
precipi tat ion was on a Fine scale (initially ~ 150 
to 300 A) with copius nucleation and slow growth. 
In A1-25 at.%Ni, precipi tat ion was ini t iated by  

sparse nucleation,  followed by  very rapid growth 
of  large crystals of  NiA13 (Fig. 3). Table II shows 
relative growth rates for a number  of  precipi tat ion 
processes in vapour-quenched aluminium alloys, 
measured from a series o f  micrographs similar 
to Fig. 3. In each case, the growth rate was 
measured at the lowest temperature at which pre- 
cipitat ion was observed within 10min,  ensuring 
an approximate comparabi l i ty  o f  the data in 
Table II. Each growing particle o f  NiA13 was 
approximately  disc-shaped and reached a final 
diameter of  ~ 30/am and a thickness equal to the 
foil thickness of  ~ 2000A.  Each particle con- 

TA B L E I I Approximate growth rates during precipitation 

Alloy Precipitate Approximate growth 
rate (A sec -I) 

AI-11.3 at.% Ni grain growth 1 
AI-11.3 at.% Ni NiA13 10 
A1-7.7 at.% Fe FeA13 2.5 
A1-20.5 at.% Cu CuA12 4 
A1-25.0 at.% Ni NiA13 150 
AI-55.2 at.% Ni NiA1 0.1 
AI-72.4 at.% Ni Ni3A1 5 
AI-29.2 at.% Ni NiA13 33 
A1-78.8 at.% Ni Ni3A1 80 

sisted of  a few single crystals, each containing a 
large number  of  low-angle sub-boundaries; the 
grain boundaries and sub-boundaries radiated 
from the central nucleating point .  Figure 4 shows 
the boundary between an NiA13 particle and the 
untransformed matrix,  with grooves at a grain 
boundary  and several sub-boundaries. 

For  all A I - N i  alloys in the range 29.2 to 
72 .4a t .%Ni ,  the first stage of  precipi tat ion was 
the formation of  t 50 to 200 A single phase grains 
with an ordered b c c structure similar to the 
equilibrium NiA1 phase (isotypic with CsC1). For  

A1-55.2  at.% Ni, this was the equilibrium structure 
and no further change was observed (Fig. 5). 
Alloys of  A1-72 .4a t .%Ni  had to be heated to a 
higher temperature to induce the further preci- 
pi tat ion of  internally twinned Ni~kl particles, 
2000 to 3000 A in size (Fig. 6a and b). In alloys 

of  29.2, 39.5 and 42.5 at.% Ni, equilibrium phases 
were precipi tated from the ordered b c c  phase 
wi thout  a further increase in temperature (Fig. 6c 
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Figure 3 Precipitation of N i A I  3 from vapour-quenched A1-25 at.%Ni: (a) after 6 min at 300 ~ C; (b) same area after 
14 min at 300 ~ C; (c) same area after 19 min at 300 ~ C; (d) same area after 25.5 min at 300 ~ C. 

to f). In each case, this involved a re-ordering 
process to convert some or all o f  the NiAl-type 
ordered b c c phase into Ni2Ala-type ordered b c c. 
In A1-29.2 at.%Ni, this re-ordering process was 
concurrent with the precipitation of  2 to 3/~m 
particles o f  NiA13. 

The equilibrium structure of  alloys containing 
78.8 and 83.8 at.%Ni was a phase mixture of  
Ni3A1 and f c c  (Ni). In Al -83 .8a t .%Ni ,  NiaA1 
particles were precipitated directly from the as- 
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quenched supersaturated f c c  (Ni). In A1-78.8 
at.%Ni the as-quenched structure was disordered 
b c c and precipitation took place in two stages; an 
initial transformation of  disordered b cc  into 
supersaturated f c c ,  followed immediately by 
rapid precipitation o f  NiaA1 particles (Fig. 7). 

4. Discussion 
The overall precipitation sequence in vapour- 
quenched supersaturated f c c  alumininm alloys 



is very different from that observed in super- 
saturated aluminium alloys prepared by either 
liquid-quenching [4-10] or conventional solid- 
state quenching [ 11 ]. Firstly, the vapour-quenched 
alloys are more resistant to annealing. Secondly, 
the precipitation sequence involves an initial 
period of grain growth. Thirdly, there is appar- 
ently no formation of GP zones or intermediate 
phases. 

Table I indicates that vapour-quenched super- 
saturated aluminium alloys are stable up to 300 to 
400 ~ C for A1-Ni and A1-Cu, and 500 to 550 ~ C 
for A1-Fe, whereas conventional alloys decompose 
at temperatures below 200~  To some 
extent, this discrepancy may be caused by relatively 
inaccurate temperature measurements in the 
present experiments (see section 2). However, 

Figure 4 (a) Boundary of growing NiA13 particle showing 
a large groove at a grain boundary and smaller grooves at 
several sub-boundaries. (19) and (c) Diffraction patterns 
from the two grains in (a). 

enhanced thermal stability has been observed in 
highly supersaturated liquid-quenched A1-Ni 
[4, 5, 12], A1-Cu [6,7, 13] and A1-Fe alloys 
[8, 9, 12, 14], and may be caused by low vacancy 
concentrations. Thomas and Willens [15] have 
claimed that liquid-quenched aluminium foils 
contain low vacancy concentrations because 
quenched-in vacancies can diffuse to the foil 
surfaces, although this conclusion has been dis- 
puted [16]. However, in vapour-quenched foils, 
the grain size of ~ 50 A is considerably less than 
the width of precipitate-free zones formed during 
ageing of conventional alumininm alloys [11]. 
Therefore, the grain boundaries in vapour-quenched 
alloys can act as sites for all excess quenched-in 
vacancies, producing low solute mobility and high 
resistance to thermal treatment. 

Grain growth and the absence of GP zones and 
intermediate phases can also be explained as con- 
sequences of the small grain size in the vapour- 
quenched alloys. Because of the low vacancy con- 
centration and correspondingly low solute mo- 
bility, the alloys are stable up to temperatures at 
which grain boundaries begin to migrate. For 
short annealing times, the large surface area and 
high curvature of grain boundaries promote rapid 
grain growth. For longer annealing times, pre- 
cipitates can form by relatively long-range solute 
diffusion. In this latter stage, conventional solute 
diffusion by solute.vacancy interactions may be 
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Figure 5 Precipitation of NiAI in A1-55.2 at.% Ni: (a) and (b) as-deposited showing disordered b c c grains ~ 50 A in 
size; (c) and (d) after 14 rain at 350 ~ C showing NiAI grains ~ 150 A in size. 

enhanced by the action of  moving grain boundaries 
in sweeping-up solute atoms. In conventional 
alloys, GP zones and intermediate phases form 
because of  their favourable kinetics. In vapour- 
quenched alloys, the extensive grain boundaries, 
especially when in motion, provide sufficient. 
heterogeneous nucleation sites to counteract the 
strain energy barrier which normally inhibits 
precipitation of  incoherent equilibrium phases. 
It might be argued that if GP zones did form, 
their presence would not  be detected on diffuse 
electron diffraction ring patterns. However, the 
concept of  GP zones is not  very meaningful in 
an alloy with a grain size equal to or less than 
the size of  the GP zones. 
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In equilibrium A1-Ni alloys there are two 
ordered b cc  phases [17].  The NiA1 phase exists 
over the composition range 45.0at .%Ni to 69.5 
at.%Ni [17].  It is isotypic with CsC1, and at the 
equiatomic composition consists o f  two inter- 
penetrating simple cubic sub-lattices of  nickel 
and aluminium such that nickel atoms are at cube 
centres and aluminium atoms at cube corners 
[18].  In nickel-rich alloys, nickel atoms replace 
aluminium atoms substitutionaily; in aluminium- 
rich alloys, vacancies are formed on the nickel sub- 
lattice [18].  At the equilibrium phase boundary, 

25% of  the nickel sites are vacant. The Ni2AI 3 
phase exists over the composition range 36.3 
at.%Ni to 40.8at .%Ni [17].  Its structure is 



Figure 6 Precipitation of  equilibrium phases from metastable ordered b c c (NiA1): (a) and Co) AI -72 .4  at.% Ni after 
10 rain at 500 ~ C showing ~ 3000 A twinned particles of  Ni3A1 in an NiA1 matrix; (c) and (d) A1-39.5 at .%Ni after 
7min  at 300~ showing Ni~A13 grains ~ 300A in size; (e) and (f) A1-29 .2a t .%Ni  after 15 min at 450~  showing 

3 ~m particles of  NiA13 in an Ni2A13 matrix. 
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Figure 7 Precipitation of Ni3AI in A1-78.8 at.% Ni: (a) and (b) after 30 see at 800 ~ C showing ~ 2000 A Ni3A1 particles 
in a matrix which has transformed to supersaturated fc c (N~); (c) and (d) after 3 rain at 800 ~ C showing final equi-axed 
grain structure, ~ 0.5 tam in size, of Ni3A1 + Ni phase mixture. 

identical to NiA1 with 33% of the nickel sites 
vacant, and the vacancies ordered in such a way 
that every third plane of nickel atoms perpendi- 
cular to (1 1 1)NiA1 is absent [18]. This vacancy 
ordering gives rise to extra supedattice reflections 
on X-ray and electron diffraction patterns (see 
Figs. 5d and 6d). 

Over the composition range 29.2 to 72.4 at.% 
Ni, vapour-quenched A1-Ni alloys transform 
initially to a single phase with an NiA1 structure. 
Thus, by a combination of vapour-quenching and 
partial annealing the NiA1 phase field can be 
extended well beyond its equilibrium limits. The 
formation of NiA1 from the vapour-quenched alloys 
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requires only limited short-range diffusion, and 
must be very favourable energetically given that 
NiAI is a stable phase with a high melting 
point [17]. As measured by the precipitation 
temperature (see Table I), the vapour-quenched 
alloys are quite resistant to this transformation, 
presumably as a consequence of their low vacancy 
concentration (see previous discussion). In vapour- 
quenched A1-55.2 at.%Ni, formation of NiA1 is 
followed at higher temperatures by precipitation 
of Ni3A1 by diffusion-controlled growth. In 
vapour-quenched alloys containing 29.2, 39.5 
and 42.5 at.%Ni, the second stage of annealing 
involves the formation of Ni2A13. For short anneal- 



ing times in these alloys, there is sufficient dif- 
fusion for atoms to become ordered on an NiA1 
lattice; longer annealing times are required to 
allow off-stoichiometry vacancies to become 
ordered on the nickel sub-lattice and give rise 
to Ni2A12 supeflattice reflections. In A1-29.2 
at.%Ni, this latter stage is associated with long- 
range diffusion and growth of NiAI3 particles. 

Precipitation of NiA13 from vapour-quenched 
A1-25.0at.%Ni takes place by slow nucleation 
and very rapid growth. An essential criterion for 
such rapid growth is that the transformation 
involves a change in structure with no change in 
composition and is therefore not limited by 
solute diffusion. In each of A1-25.0, 39.5 and 
55.2at.%Ni alloys, the precipitating phase has 
the same composition as the quenched alloy, and 
this is very nearly true for A1-78.8 at.% Ni. How- 
ever, precipitation of Ni2A13, NiAI and Ni3A1 
respectively from A1-39.5, 55.2 and 78.8at.% 
Ni takes place by copious nucleation and relatively 
slow growth (see Table II). The growth rate of 
Ni3AI is quite high but this is probably a con- 
sequence of the high temperature required to 
initiate the preceding b c c to fc  c transformation. 
The type of precipitation observed in A1-25.0 
at.%Ni has been seen previously, but only in 
crystallisation from an amorphous alloy structure 
[19, 20]. A secondary requirement for such rapid 
growth may be that the parent phase is amorphous. 
The latent heat of an amorphous to crystalline 
transformation is greater than that of a crystalline 
to crystalline transformation; thus the reaction 
may be self-heating with a continually increasing 
growth rate. This suggests that the anomalous as- 
quenched structure of alloys with 25.0 to 39.5 
at.%Ni is an fcc/amorphous mixture. This struc- 
ture has been considered previously to be un- 
likely, although consistent with the observed 
electron diffraction patterns [ 1 ]. 

The surface of a growing NiAI3 particle is 
rough on the same scale as the as-quenched grain 
size (Fig. 3). This is reasonable in view of previous 
work which suggests that NiAl3/liquid interfaces 
are faceted [21]. However, because of the small 
grain size in vapour-quenched alloys, growth of 
NiA13 is macroscopically isotropic. The conditions 
for dendritic growth are an isotropic transformation 
with a rapid growth rate, which becomes limited 
by solute diffusion [22]. Thus, invapour-quenched 
A l - l l . 3  and 29.2at.%Ni, solute diffusion is 
required for precipitation of NiAI3. In these alloys, 

NiAI3 particles grow with a perturbed interface, 
although without a fully-developed dendritic 
structure. 

5. Conclusions 
Non-equilibrium phases in vapour-quenched A1-Ni, 
A1-Cu and A1-Fe alloys show considerable 
thermal stability because of a low as-quenched 
vacancy concentration. Highly supersaturated fc  c 
alloys transform to equilibrium with a precipi- 
tation sequence: 

supersaturated grain growth to precipi tat ion 
f c c ~ 5 0 A  ~ ~ 2 0 0 A g r a i n  -+ to equil ibrium 
grain size size NiA13, CuAI 2 

or FeA13 

The occurrence of grain growth, and the direct 
precipitation of equilibrium phases without 
formation of GP zones or intermediate phases, 
are consequences of the very small grain size of 
as-quenched alloys. Precipitation of NiA13 from 
vapour-quenched A1-25at.%Ni is by slow nu- 
cleation and rapid isotropic growth .which suggests 
that the as-quenched alloy is an fc c/amorphous 
phase mixture; in non-stoichiometric alloys, 
NiAla particles grow with a perturbed interface. 
Vapour-quenched alloys containing 29.2 to 
72.4at.%Ni all transform initially to an NiA1- 
type ordered b cc phase. In some of the alloys, 
this is followed by vacancy ordering to form Ni2A13 
and precipitation of NiA13 or Ni~J. 
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